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Abstract

Many studies are currently underway on the quest to make synthetic bone-like materials with composites of polymeric materials and
hydroxyapatite (HA). In the present work, we use wetting experiments and surface tension measurements to determine the work of adhe-
sion between biodegradable polymers and HA, with specific reference to the role of humid environments. All the polymers are found to
exhibit low contact angles (<60°) on the ceramic with work of adhesion values ranging between 48 J m~—> for poly(e-caprolactone) and
63 J m~2 for polylactide; these values are associated with physical bonding across the organic/inorganic interface. The corresponding
mechanical fracture strengths, measured using four-point bending tests of HA—polymer-HA bonds, scale directly with the results from
the wetting experiments. Short-time aging (up to 30 h) in a humid environment, however, has a dramatic influence on such HA/polymer
interfacial strengths; specifically, water diffusion through the organic/inorganic interface and degradation of the polymer results in a
marked decrease, by some 80-90%, in the bond strengths. These results cast doubt on the use of biodegradable polymers/ceramic com-
posites for load-bearing synthetic bone-like materials, as desired optimal mechanical properties are unlikely to be met in realistic phys-

iological environments.
Published by Elsevier Ltd. on behalf of Acta Materialia Inc.
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1. Introduction

The search for strong artificial implants able to perform
in load-bearing situations, such as hip or knee replace-
ments, has led to the use of materials that have largely been
developed for other, more traditional, engineering applica-
tions; such materials include stainless steels, cobalt—chro-
mium alloys, titanium and its alloys, and structural
ceramics, such as alumina or zirconia, that are not only
stronger than the bone they replace but, more importantly,
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much stiffer [1,2]. This difference in stiffness is the genesis of
many failed implants; living bone is responsive to its envi-
ronment and implants that are stiffer than bone bear a
greater proportion of the load, shielding the surrounding
tissue from its normal stress levels. The result of such ““stress
shielding” is that the surrounding tissue is resorbed and the
implant becomes loose over time, often requiring revision
surgery [3]. In order to overcome these limitations, over
the last years there has been increasing interest in the devel-
opment of strong organic/inorganic composites that would
combine the flexibility, toughness and bioresorbability of a
polymer with the stiffness, strength and osteoconductivity
of a ceramic. These materials have been investigated for
their use in load-bearing situations as bone substitutes or
in tissue engineering scaffolds [4-11]. Their advantage is
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that biodegradable polymers would allow for bone growth
into degraded sections and further permit load transfer
from the implant to the bone, thereby lessening the effect
of stress shielding [7-10]. Drug delivery capabilities could
also be incorporated by using the biodegradable polymers
to slowly release diverse chemicals and growth factors as
they degrade [12,13]. Perhaps the most commonly studied
composites are hydroxyapatite (HA)-based materials. Syn-
thetic HA [Ca;o(PO4)¢(OH),] is closely related to the car-
bonated apatite that constitutes the mineral component of
bone (in carbonated apatite the hydroxyl ions are partly dis-
placed by carbonate ions); it is osteoconductive when por-
ous and believed to aid bone formation in vivo [9]. While
its bioactive properties make it an ideal material for syn-
thetic bone, its very low fracture toughness and high elastic
modulus (Table 1) make necessary for it to be combined
with a less stiff ductile material in the form of an organic/
inorganic composite. In such composites, HA is frequently
combined with polymers based on lactic and glycolic acids
or poly(g-caprolactone) (PCL) [4-11]. These polymers are
approved by the Food and Drug Administration (FDA)
for use in medical applications owing to their biodegrad-
ability, but their low stiffness and, in many cases, poor
strength limit their use predominantly to a limited number
of non-load-bearing applications.'

Several studies have investigated the synthesis and char-
acterization of hybrid HA/polymer materials, and in par-
ticular analyzed the effect of the mineral content and the
processing route on the mechanical strength and toughness
[4-8,10]. However, a detailed analysis leading to an optimi-
zation of microstructure is still lacking. Of particular rele-
vance is that the internal interfaces in these microstructures
invariably provide the weakest links for the nucleation of
cracks that lead to premature failure; consequently the
bond strengths of the biomaterial interfaces in such hybrid
materials are critical parameters that must be characterized
and controlled. Accordingly, in this work, we specifically
examine the HA/polymer interface using surface tension
and contact angle measurements to estimate the interfacial
work of adhesion; in addition, parallel four-point bending
tests are used to determine the corresponding mechanical
fracture strengths. The experimental conditions (tempera-
ture and atmosphere) for the surface tension and contact
angle measurements, as well as the preparation of four-
point bending specimens, are similar to those commonly
used to fabricate HA/polymer composites by hot pressing
or injection molding [5-8,10]. Our goal is to assess the
strength of “practical” polymer—ceramic bonds and to
explore its correlations with fundamental interfacial prop-
erties. Emphasis is given to the effect of the environment,
principally that of water, on the magnitude of the
organic/inorganic bonding.

! For applications that are load-bearing, these materials ideally need to
display mechanical properties comparable with that of bone, i.e. a stiffness
(Young’s modulus) of 15-25 GPa, a strength of ~100 MPa and a fracture
toughness on the order of 4-8 MPa/m.

2. Experimental procedures

We focus in this work on the bonding of HA to sev-
eral biodegradable polymers, namely poly(L-lactide)
(LPLA), poly(p-lactide) (DPLA), poly(pL-lactide)
(PDA), 75/25 PDL/polyglycolide (75/25 PDL/PG), 50/
50 PDL/polyglycolide (50/50 PDL/PG) and PCL. All
have been approved by the FDA for implanting into
the human body. Moreover, in combination with HA
and other calcium phosphates or bioactive glasses, they
are the basis of many studies to develop hybrid
organic/inorganic composites and scaffolds with mechan-
ical properties matching those of the host tissue. Selected
physical and mechanical properties of the polymers used
in this work, together with that of HA, are listed in
Table 1.

The surface tension of the polymers, y, and its depen-
dence with temperature was measured using the pendant
drop method. The polymers were melted in a heated syr-
inge whose tip was placed in a heating chamber (Ramé-
Hart, USA). A drop was formed and an image was
recorded every 10s using an automated CCD camera.
The shape of the pendant drop is dictated by the competi-
tion between the surface tension and gravity [14]. The drop
profile was analyzed using commercial software (DropIm-
age, Ramé-Hart) in order to calculate the surface energy.
Three separate drops of each polymer were measured at
each temperature and a minimum of 10 pictures were ana-
lyzed for each drop.

Wetting experiments were conducted on dense, polished
HA substrates using the sessile drop configuration. To pre-
pare the substrates, a commercial HA powder (Alfa Aesar,
USA) was calcined at 1000 °C to remove any excess chem-
icals that may be present from the synthesis process and to
reduce the surface area. The calcined powder was uniaxial-
ly pressed at ~100 MPa into cylindrical pellets (10 mm
diameter, ~2-3 mm height) and then cold isostatically
pressed at ~100 MPa. Then the pellets were sintered in
air at 1150 °C for 2 h. The phases present in the sintered
substrates were identified by X-ray diffraction (D500, Sie-
mens AG, Munich, Germany); their density was measured
using the Archimedes method and their microstructure
analyzed by environmental scanning electron microscopy
(S-4300SE/N, Hitachi, Japan). The substrates were pol-
ished with diamond solution to a 1 pm finish, cleaned with
acetone and ethanol, and fired in air at 500 °C for 1h to
further remove any contaminants. The substrates were then
placed into a heating chamber with a small piece of poly-
mer on top (~2-4 mm’) and the assembly was heated to
the test temperature. After melting the polymer, in situ
images of the sample were taken every 10s with a CCD
camera and analyzed using the Droplmage software in
order to measure the contact angle. The samples were
maintained at the test temperature for times up to 6 h.
The assemblies (polymer plus substrate) were weighed
before and after the test in order to assess the degree of
polymer degradation.
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Table 1

Summary of the physical/mechanical properties of the materials used in this study

Materials Molecular weight Density Melting point  Tensile strength Young’s modulus Degradation time
(Da) (gem™3) (K) (MPa) (GPa) (months)
Polymers LPLA?* 108,600 1.25-1.3 456.4-466.7 50-60 3-5 >24
DPLA? 107,300 1.24 443.3-452.5 50-60 3-5 >24
PDL® 88,400 1.25 Amorphous 2841 1.38-2.75 12-16
75/%5 PDL/ 104,500 1.30 Amorphous 41-55 1.38-2.75 4-5
PG
50/‘5)0 PDL/ 49,900 1.34 Amorphous 41-55 1.38-2.75 1-2
PG
PCL® 80,000 1.145 333 15-30 0.15-0.3 0.5-1
Ceramic HA - 32 100-900 35-120 -
The values were obtained from the manufacturers and Refs. [9,11,32-35].
* Purasort (Purac).
® Absorbable Polymers International.
¢ Aldrich.
The temperature range for the surface tension and con- T T T T
tact angle measurements were selected on the basis of the Iy
polymer melting temperatures and by physical observation. 160 - =
The melting ranges for Purasorb DPLA and Purasorb 11‘
LPLA are 443-453 and 456-467 K, respectively; the melt- . i ]
ing point for PCL is 333 K. As the other polymers are & 120 J\,{ |
amorphous, no melting temperatures are reported. The 2 h‘
. . . @ 50/50 (PDL/PG)
choice of temperature became more of an issue with the R }3 413 K 1
contact angle measurements as the spreading times are long %J)
(of the order of minutes to even hours) and prolonged test- é 80
ing times can lead to polymer degradation. An example of ©
the spreading data is shown in Fig. 1. An empirical expo- %
nential decay fitting was used to calculate the equilibrium 8
contact angle (0). Due to the large viscosity of the polymer 40
melts, the contact angles can take more than 1 h to reach
an equilibrium value (6p). In the present experiments, as B 7
no significant weight losses were recorded during these wet- 5 . | ! | | | . |
ting experiments even after 8 h at the test temperature, the 0 4 8 12 16 20

polymers can be assumed to have not undergone any signif-
icant degradation.

The bonding strength at the polymer/ceramic interface
was initially evaluated qualitatively using a crack indenta-
tion method developed by Becher et al. [15] whereby cracks
are generated by indentation and are propagated towards
the interface at different impingement angles to discern
whether they penetrate or are arrested at the interface.
These cracks were examined in the scanning electron
microscope (SEM), the crack path, i.e. the interfacial
deflection or penetration into polymer, and the interface
debond length, I, being recorded. With this technique, a
critical value of impingement angle was measured below
which the crack will deflect along the interface and above
which it will propagate through it; the interfacial bonding
energy can then be considered to be lower with increasing
critical angle. Direct measurements of the interfacial
strength, op, were subsequently made quantitatively by
loading to failure small rectangular cross-section beams
in pure (four-point) bending.

For the indentation crack tests (N = 20), cross-sections
were cut from the samples used in the wetting experiments

Time (x1073 s)

Fig. 1. Evolution of the contact angle of 50/50 (PDL/PG) polymer on HA
substrates fired in air at 500 °C after polishing. Each symbol corresponds
to a different run. The data are very reproducible. The lines show the
empirical exponential decay fittings 0 = 0y + ¢4+ e used to calcu-
late the equilibrium contact angles as t — oo, 0.

to expose the interface between the HA and the polymer.
These samples were mounted in resin and polished to a
6 um finish. Vickers hardness indents were made in the
HA approximately 100 um from the interface using a
microhardness tester (Micromet, Buehler, USA). Three to
five indents were made on each sample with loads ranging
between 100 and 500 g in order to generate corner cracks
that would propagate towards the polymer/HA interface
and impinge onto it. The sample was rotated at a different
angle for each indent such that the incidence angle of the
crack would be different. Several indents were discarded
due to either lack of well-defined corner cracks or the crack
hitting a defect before reaching the interface (~30%).
Those cracks that did reach the interface would either
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arrest at the interface, travel along it or penetrate into the
polymer. Crack trajectories were examined using optical
microscopy and a high-resolution environmental SEM to
record the incidence angle and the crack path.

In order to prepare samples for the four-point bend tests
(N = 10), HA substrates were prepared in the same way as
the contact angle experiments. The substrates were cut into
bars at least 12 mm in length with a cross-section 2-3 mm
by 2-3 mm. The bars were then cut in half and the bonding
surfaces were polished with SiC to 1200 grit. A drop of
polymer was melted on the polished surfaces and the HA
bars were bonded in liquid-state at temperatures similar
to those used in the wetting tests with no external pressure.
Once the samples were made, bend tests were performed
immediately (to prevent any contamination or moisture
in the environment from affecting the results) using an
EnduraTec ELF 3200 voice-coil actuated mechanical test-
ing machine (Bose, Eden Prairie, MN), operating at a
crosshead speed of 0.01 mm s™'; the peak load at fracture
instability was then used to determine the bond strength,
ar. Fracture surfaces were subsequently observed by SEM.

The effect of moisture on interfacial adhesion was
assessed by pre-soaking the bend samples (N = 5) in water
vapor (specifically on a pedestal in a sealed container with
water) at ambient body temperature (37 °C) for times up to
30 h, and then determining the o four-point bend strength
as before. Water was used in these experiments, rather than
simulated body fluid or Hanks’ balanced saline solution,
because we specifically wanted to isolate the effect of the
water molecule on the interfacial bonding; accordingly,
our experiments involved exposure to a humid environ-
ment rather than full immersion in a solution.

3. Results and discussion
3.1. Work of adhesion and spreading

Results showing the measured surface tensions, y, of the
different polymers and copolymers examined in this study
are shown in Table 2; values lie between 25 and 40 mJ m 2,
which is in the range expected for these materials [16]. The
two forms of polylactide (L- and p-) display nearly the same
surface tension, which is expected as the two polymers are
stereoisomers of each other with no other differences in

Table 2
Surface tension properties of the different polymers used in this study
Polymer Temperature, 7 Surface tension, y dy/dT
(K) (mJ m™2) (mJ K 'm™?)

PDL 453 33.34+0.5 —0.035
75/25 PDL/ 433 30.6 0.1 —0.036

PG
50/50 PDL/ 393 320+0.8 —0.052

PG
DPLA 478 28.8+0.1 —0.020
LPLA 478 289+0.3 —0.050
PCL 393 325403 —0.010

properties. The racemic form of polylactide (PDL) has a
slightly higher value whereas the addition of polyglycolide
as a copolymer to PDL lowers the surface tension.

The dependence of the polymer surface tension values
with temperature can be described in terms of the Guggen-
heim equation [16], which was originally developed for
small-molecule liquids, viz.

7\ 11/
=9, 1 —= 1
y /0( Tc) (1)

where 7y, is the surface tension at 0 K and T is the critical
temperature. Fitting the biopolymer data to Eq. (1) results
in T, values of the order of 1000-2000 K. Correspondingly,
for the range of temperatures used in this work the surface
tension is approximately linear with temperature 7, with
the value of —(dy/dT) ranging between 0.01 and
0.055mJ K~' m~2 (Table 2 and Fig. 1), again as expected
for polymers, where —(dy/dT) is typically on the order of
0.05mJK 'm™2 [14,16]. Due to the conformational
restrictions of long-chain molecules, the temperature
dependence of the surface tension for polymer is usually
smaller than for small-molecule liquids (where —(dy/
d7) ~ 0.1 mJ K~ m~2) [16] (see Fig. 2).

Measurements of the surface tension of the polymers, 7,
and the equilibrium contact angles, 6y, on HA in air are
listed in Table 3. The contact angle values on the substrates
fired at 500 °C in air are very reproducible (Fig. 1). There
was much more variability (up to 30°) on the contact angles
measured on HA substrates that were not fired after polish-
ing. As this could be due to the presence of impurities on
the HA surface after polishing and cleaning with different
organics (which can only be eliminated by firing), the latter
values have not been used here. It has been previously
observed that the thermal treatments are necessary to clean

40 T T T T T I T
©-@- PDL
B A-A- 75/25 (PDL/PG) 7

T #8- 50/50 (PDL/PG)
S 35 _
E
>
-
.0 i 7
72}
5
=
o 30 —
®
g =
=
w — -

25 1 ‘ | 1 |

350 400 450 500 550

Temperature (K)

Fig. 2. Measured temperature dependence of the surface tension of the
biodegradable polymers.
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Table 3
Work of adhesion and contact angles on HA for different polymers

Polymer Temperature, 7 (K) Work of adhesion, Contact angle, 0 (deg) Polymer/HA bending
W, (mJ m—?) strengths, oy (MPa)
PDL 453 63 +2 28 +1 23+2
75/25 (PDL/PG) 433 60 £ 1 18+3 17+ 1
50/50 (PDL/PG) 393 58£1 37+3 15+4
DPLA 478 56+2 16+5 1945
LPLA 478 57+1 17+2 20+ 4
PCL 393 48 +3 62 +4 9+2
surfaces and improve the wetting of polymers on bioactive 40 ' | ' \ ' I '
glasses [17]. These values were used to calculate the ther- & PDL
modynamic work of adhesion, W,q4, using the standard o) F 01 75/25 PDL/PG
Young-Dupré relationship [14] T a0 —A- 50/50 PDL/IPG
Waa = 7(1 + cos 6y) (2) =
Computed W,q values, which range between 48 and oo - %
63 mJ m 2, are listed in Table 3. 2
Temperature can be seen to have a minimal effect on the 3 2oLt
work of adhesion values. An increase in temperature é \
decreases the contact angle, which in turn increases the e - “ \\ HA
work of adhesion; however, this is countered by a decrease E E‘ Ay
in surface tension. The trends are similar to those observed 8 10} \
with the surface tension. These values of work of adhesion E \
are usually attributed to the formation of a physical bond L 5' \ -
(e.g. van der Waals and dispersion forces) at the organic/ i \\
inorganic interface and the absence of interfacial chemical 0 —'O‘LLII—D‘—D-DMJ-EDO—D‘D—‘O—A—‘—D:@

bonding [14,16,18].
3.2. Bonding

Results from the crack indentation method to qualita-
tively assess the interfacial debonding behavior are shown
in Fig. 3. Specifically, for indentation cracks impinging
on the polymer/HA interface, the interfacial debond
lengths, Iy, are plotted as a function of the crack impinge-
ment angles, ©J. From these data, it is apparent that PDL
had the lowest critical crack angle (~7°), followed by 75/
25 PDL/PG (~12°) then 50/50 PDL/PG (~26°), implying
that the addition of polyglycolide as a copolymer to PDL
decreases the interfacial debonding energy with HA
[19,20]. These trends are consistent with the four-point
bend measurements described below.

Although the crack indentation method yields qualita-
tive information on the relative strengths of these poly-
mer/HA interfaces, quantitative evaluation of the
bonding strengths is best achieved using mechanical test-

2 It is possible with this technique to quantitatively estimate the fracture
toughness of the interface, as has been achieved, for example, for the
dentin—enamel junction in human teeth [20]. However, this was not
feasible in the present instance due to the extreme mismatch of elastic
properties across the interface. Specifically, the first Dundurs’ parameter,
which describes this mismatch and is defined as o« = (Eya — Ep)/
(Ena + Ep), where Eya and Ep are the respective Young’s moduli of
HA and the polymer, is of the order of unity (Eya >> Ep), making
estimates virtually impossible.

o

20 40 60 80
Incidence Angle, 9 (deg)

Fig. 3. Crack indentation results showing debond lengths, /4, plotted as a
function of the critical incidence angle, v, for cracks impinging on the HA/
polymer interfaces.

ing, e.g. four-point bending tests. Using such test tech-
niques, measured bond strengths were found to range
from 9 to 25 MPa; specific values are listed in Table 3.
Fracture was found to always occur at the polymer/cera-
mic interface. An excellent match can be observed between
the polymer and ceramic surfaces, indicative of the forma-
tion of good interfaces (Fig. 4a). Corresponding applied
bending load vs. displacement curves display linear elastic
behavior with little evidence of plastic/inelastic deforma-
tion prior to catastrophic brittle fracture (Fig. 5a). Mea-
sured bond strengths, o (Table 3), are consistent with the
formation of a physical bond at the organic/inorganic
interface. Physical bonding is common at polymer/ceramic
interfaces [16] and frequently ceramic grafting is used to
enhance adhesion in hybrid composites (e.g. dental com-
posites). The results follow the trends already observed in
the measured work of adhesion values (Table 3). Specifi-
cally, whereas poly(L-lactide) and poly(p-lactide) have sim-
ilar bond strengths to HA, the PDL/HA bond is some 20%
stronger and almost a factor of three stronger than the
PCL/HA bond. The addition of the glycolide polymer
clearly decreases the adhesion of PDL to HA.
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Tensile face

Tensile face

1293

Fig. 4. SEM micrographs of the fracture surfaces after four-point bend testing of (a) 50/50 PDL/PG sample ““as-prepared” and (b) the same polymer bond
after aging for 30 h in a humid environment at 37 °C. The similar marks found in the polymer and ceramic side of the “as-prepared” joints indicate good
bonding. After aging, the surfaces no longer mirror each other. The polymer surface shows clear signs of deformation (indicated by the white arrows).
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Fig. 5. (a) Load—displacement curves for bending tests on the PL/HA bonds, in the “as-prepared” and after 30 h in a humid environment conditions and
(b) observed decrease in the bond strength for the various polymers as a function of aging time in a humid environment.
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Fig. 6. Relationships between the measured four-point bending interfacial fracture strength and the work of adhesion (a) and contact angle (b) for
polymer/ceramic bonds.



1294 R.E. Neuendorf et al. | Acta Biomaterialia 4 (2008) 1288—1296

Values of the oy interfacial bond strengths for the vari-
ous HA/polymer interfaces are plotted in Fig. 6 as a func-
tion of the W,q work of adhesion values and the
equilibrium contact angles, 6,. Relationships between the
work of adhesion and the interface strength have been
noted previously by several other researchers [21,22].
Indeed, the correlation can be deduced from simple frac-
ture mechanics notions, where the fracture strength, oy, is
considered to depend upon the fracture energy (strain
energy release rate), G, as

g <GCE*>% 5

where E" is the appropriate modulus [23], ¢ is the flaw size,
and the factor ¢ depends upon flaw geometry and includes
effects of stress concentrations [24,25] (if ¢ is the nominal
strength). There are two contributions to the interfacial
fracture energy, one from the adhesion and the other from
the plastic dissipation. Although the contribution of plas-
ticity is usually far larger than that of the work of adhesion,
it is crack growth that G, oc W,q [23,26], such that o will
scale with W,4. However, the interfacial bond strength is
a function of both chemical and mechanical considerations.
A key issue is that the strength is dictated by the worst flaw,
which derives from statistically variable processing and
machining defects plus low G, paths, taken relative to local
driving forces. Interfacial pores can represent the major
strength-limiting flaws, and the formation of a strong bond
requires their elimination. The contact angle is a key
parameter that dictates the choice of bond processing tech-
niques as it controls interfacial flaw shape and pore re-
moval rate. Lower contact angle values will result in
faster removal of interfacial flaws and more benign pore
shapes. The effect of W,q4 or the related 6, on the control-
ling flaw geometry may also account for the empirical cor-
relations between ar and Woq [27].

These results suggest that a positive trend exists between
orand W,q values for most of the data in Fig. 6a. Thus, this
plot seems to affirm that crack-tip chemistry, as described
by the work of adhesion, plays a dominant role in control-
ling bond strength. Alternatively, the inverse correlation
between o and 6, (Fig. 6b) may reflect the primary influ-
ence of interfacial flaw size and shape. In the present case,
the measured fracture strengths are of the order of the yield
strengths of the polymers, implying that the extent of
crack-tip plasticity exceeds the flaw size and small-scale
yielding conditions do not apply. It is likely that the inter-
face flaws are blunted and extend by a ductile interfacial
fracture mechanism, thereby affirming that the strength-
controlling flaws are more potent in dissimilar material
bonds with larger contact angles. The comparison between
parts (a) and (b) of Fig. 6 may suggest that the dependence
with the contact angle is weaker and that, despite the extent
of crack-tip plasticity, the strength of the bond scales
mostly with the thermodynamic work of adhesion, as has
also been qualitatively suggested by the indentation exper-

iments. However, there is still some variability in the mea-
sured strengths due, among other things, to the statistical
distribution of interfacial flaw sizes (Eq. (3)) that precludes
a more quantitative evaluation. Here we have discussed
some of the critical factors that control the interfacial
strength and showed some preliminary trends that agree
with those observed in other systems [21,22,27]. Future
assessments could involve an analysis of the interfacial
fracture toughness to define quantitatively the effect of
the fabrication conditions and their role in determining
flaw distribution.

3.3. Environmental effects

Since all the polymers in this study are bioabsorbable,
degradation of the polymer in water will occur over time.
This will result in the polymer losing strength and stability
in the implant. It is well known that organic/inorganic
joints can be weakened by exposure to humid environ-
ments and that, in some cases (in particular, for hydro-
philic phases), migration of water or vapor through the
interface can cause spontancous degradation [16]. It was
observed, while working with biopolymers, that moisture
could be playing a role in the interfacial bonding to HA;
for example, when preparing samples for bend strength
tests, cutting and polishing of samples using water as a
coolant often resulted in spontaneous detachment at the
organic/inorganic interface. In order to quantify these
observations, experiments were performed where the sam-
ples were aged in a humid environment at 37 °C.

The result of these experiments was that the measured
bond strengths were seen to decrease noticeably after 12 h.
Although the bending load vs. displacement curves were
qualitatively similar to those for the “as-prepared” samples,
the HA/polymer interfacial fracture strengths were signifi-
cantly lower, with the HA/LPLA and HA/DPLA bonds
showing the largest drop in fracture strength by almost an
order of magnitude to a mere ~3 MPa. PDL had the highest
strength value after 12 h in humidity, followed by both 50/
50 PDL/PG and 75/25 PDL/PG (Fig. 5b). Fracture was still
seen to occur at the polymer/ceramic interface, with good
matching between the polymer and ceramic fracture sur-
faces. However, after 30 h of exposure to humidity, mea-
sured bond strengths were seen to have degraded by as
much as 80-90%, with marked differences in the load vs. dis-
placement curves. Specifically, stable crack-growth was
observed at low applied bending loads, with fractographic
evidence of polymer deformation (Fig. 4b), as compared
to the “as-prepared” samples, which were far more brittle
and fractured catastrophically at peak load (Fig. 5a).

It is clear here that the lack of a strong interfacial chem-
ical bonding at the organic/inorganic interface results in
fast degradation of the bond. The hydrophilic nature of
the polymer promotes the diffusion of water through the
interface [16]; coupled with the polymer biodegradability,
this results in a significant degradation of the organic/inor-
ganic bond in the presence of an aqueous environment.
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The present results are of particular relevance to the
development of synthetic bone-like composites and tissue
engineered scaffolds. It is well known that the nature of
the internal interfaces, both with respect to their morphol-
ogy and chemical composition, and their strength relative
to the other components of the structure, play a major role
in dictating the overall bulk mechanical response of mate-
rials, most especially composites. In more brittle materials,
the interfaces within a microstructure invariably provide
the weakest links for the nucleation of cracks that lead to
fracture and premature failures. Results of the present
work provide information on the relative strengths of the
organic/inorganic interfaces for HA bonded to currently
FDA-approved biodegradable polymers for the develop-
ment of biomaterial composites. Of particular importance
are the observations of the major (~80-90%) reductions
in bond strength in the prolonged presence of moisture.
It has been observed that bulk polymer degradation after
immersion in water-based solutions results in a significant
decrease in the mechanical properties of biodegradable
polymers [28-30]. The results described in this paper indi-
cate that exposure to a humid environment will cause deg-
radation of the bonding at organic/inorganic interfaces
that can severely compromise the mechanical response of
HA/polymer composites, thereby affecting their stability
in vivo before resorption occurs. These results are consis-
tent with previous observations of the mechanical response
of such composites after aging [5,6,11,31] and suggest that
different strategies must be used to manipulate the micro-
structure and interfacial bonding in order to ensure
stability.

4. Conclusions

Adhesion between calcium phosphates (HA) and
biopolymers is controlled by physical interactions. In the
present study, HA was bonded to several FDA-approved
biodegradable polymers, namely poly(L-lactide), poly(p-
lactide), poly(pL-lactide), 75/25 PDL/polyglycolide, 50/50
PDL/polyglycolide and poly(e-caprolactone); these materi-
als are commonly used for the development of many syn-
thetic bone-like composites and tissue engineered
scaffolds. All biopolymers were seen to exhibit low contact
angles (<60°) on the HA ceramic facilitating liquid-state
bonding. Corresponding work of adhesion values were
found to lie in the range of 48-63mJm 2 and to scale
roughly with the surface tension of the polymer. Using
four-point bend tests, measurements of the mechanical
fracture strengths of the HA/polymer bonds were found
to be on the order of 9-25 MPa, and to scale with the work
of adhesion; mechanical strengths also appear to show an
apparent inverse relation to the contact angles. However,
on exposure to humid environments, major degradations
in the strength of these organic/inorganic interfaces were
apparent. In particular, reductions in the bond strength
of ~80-90% were observed after aging in water vapor for
30 h. It is believed that such water-induced degradation

of the internal interfaces of materials consisting of HA
and biodegradable polymers can severely compromise the
in vivo mechanical stability of these biocomposites.
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